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Abstract 

The engineering application of transition metal carbides is often constrained by the inherent 

hardness-toughness trade-off. While phase modulation is an effective strategy, the intrinsic brittleness 

of ceramics still limits the achievable toughening. Taking (Ti, Zr, V, Nb, Mo)C high-entropy carbide 

as a model system, this work proposes a novel strategy to reconcile this trade-off by leveraging 

synergistic phase separation and precipitation. The as-sintered single-phase solid solution was 

subjected to optimized aging treatment, yielding a microstructure characterized by coexisting spinodal 

decomposition domains and precipitates. Specifically, a multi-scale synergistic strengthening 

mechanism is revealed. At the atomic scale, unique interface engineering combines semi-coherent 

spinodal interfaces with incoherent precipitate interfaces. This activates micro-scale defect engineering 

by inducing high-density dislocations, nano-twins, and stacking faults. This multi-scale system 

constructs a composite structure at the meso-scale where spinodal and precipitation domains coexist, 

effectively impeding dislocation motion and deflecting crack propagation. Driven by this mechanism, 

the material aged at 1300 °C for 20 h achieves an optimal synergy of properties, demonstrating 

concurrent increases in hardness (36%) and fracture toughness (45%) compared with the as-sintered 

state. This work opens a new avenue for designing advanced ceramic materials with superior damage 

tolerance. 

 

Keywords: High-entropy carbide; Phase separation; Phase precipitation; Mechanical properties. 
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1. Introduction 

High-entropy carbide ceramics are widely utilized in extreme service environments [1,2], 

including turbine blades in aerospace engines [3], ultra-high-temperature protective coatings [4], high-

speed cutting tools [5], and structural components in nuclear reactors [6], owing to their exceptional 

hardness, wear resistance, and thermal stability [7-9]. However, this material system faces a significant 

challenge: the intrinsic hardness-toughness trade-off [10]. This trade-off leads to a significant reduction 

in their service life under harsh conditions such as abrasion, impact, and high temperatures, thereby 

limiting their further performance enhancement and broader application [11]. Traditional approaches 

often struggle to optimize these mutually exclusive properties simultaneously, mandating the 

development of innovative strategies to effectively address this issue. 

Among the various microstructural engineering strategies, leveraging the spinodal decomposition 

mechanism during metastable phase transformation is a proven and effective pathway [12]. Spinodal 

decomposition is a spontaneous, continuous phase separation process that requires no nucleation 

barrier, resulting in a nano-scale, three-dimensional (3D) interconnected network structure of two 

interpenetrating phases within the solid solution matrix [13-15]. The semi-coherent interfaces, with 

their associated coherency strain fields and misfit dislocations, effectively impede dislocation motion, 

while the dense interfacial network can deflect crack propagation [16]. The hardening and toughening 

effects of spinodal decomposition have been preliminarily validated in several material systems, such 

as (Ti, Zr)C [10], (Ti, Hf)C [17], (Ti, Zr, Hf)C [18], and (Ti, Zr)(C, N) [19]. Nevertheless, when relying 

solely on the spinodal decomposition strategy, the achievable toughening is often constrained by the 

intrinsic brittleness of ceramic materials, hindering significant breakthroughs in toughness [20,21]. 
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Moreover, as the number of system components increases, the free energy landscape becomes 

exceptionally complex, rendering the prediction and identification of specific compositional windows 

for spinodal decomposition extremely difficult by traditional methods [18]. 

To overcome the toughening limitations of the singular spinodal decomposition mechanism, this 

study proposes a novel strategy: the synergistic combination of spinodal decomposition and 

precipitation strengthening. Precipitation strengthening is another classic and highly effective 

strengthening mechanism, which operates by impeding dislocation motion via dispersed second-phase 

particles, typically featuring incoherent interfaces with the matrix [22-25]. The recently emerged 

concept of high-entropy ceramics, by dissolving multiple elements in high concentrations within a 

single crystal lattice, has vastly expanded the compositional design space for materials [26-28]. This 

provides an unprecedented platform for the synergistic modulation of these two mechanisms [29]. 

Phase separation phenomena previously observed in similar systems, such as (Ti, Zr)C [10] and (Ti, 

Zr, Hf)C [18], have demonstrated the feasibility of tailoring carbide microstructures via heat treatment. 

In this study, the high-entropy design involving multiple principal elements significantly broadens the 

thermodynamic tuning window, enabling the simultaneous activation of continuous spinodal 

decomposition and discontinuous precipitation transformations within a single system. The coupling 

of these multiple phase transformation mechanisms provides a new physical pathway for constructing 

multi-scale interface structures, thereby breaking the hardness-toughness trade-off. Therefore, 

determining whether these two metastable phase transformations can be simultaneously activated in a 

carefully designed high-entropy ceramics system—and subsequently elucidating their synergistic 

principles across different scales, revealing their intrinsic relationship, and constructing a hierarchical 
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strengthening microstructure—constitutes a frontier topic of significant scientific importance. It is a 

key step toward the rational design of materials with superior performance. 

To address these issues, the (Ti, Zr, V, Nb, Mo)C quinary high-entropy carbide was selected as a 

model system to investigate the coupled evolution of phase separation and precipitation during aging. 

The main objective of this study is to clarify whether these two phase-transformation pathways can be 

activated and regulated within a single high-entropy carbide matrix, and how their coexistence affects 

the hardness-toughness balance. To this end, aging treatments were designed based on thermodynamic 

phase-stability analysis and preliminary experiments, followed by systematic characterization of phase 

evolution, interfacial structure, defect formation, and mechanical properties. Particular attention was 

paid to the relationship between phase-transformation-induced microstructures and the simultaneous 

changes in hardness and fracture toughness. This study aims to provide a clearer understanding of how 

coupled phase separation and precipitation can be used to regulate the mechanical response of high-

entropy carbide ceramics. 

 

2. Experimental and computational procedures 

2.1 Materials preparation 

High-purity commercial powders were used as raw materials, including: TiC (99%, 300–500 nm, 

Macklin Co. Ltd.), ZrC (99.9%, 400 nm–1 μm, Macklin Co. Ltd.), VC (99%, 500 nm–1 μm, Macklin 

Co. Ltd.), NbC (99% purity, 400 nm–1 μm, Macklin Co. Ltd.), Mo2C (99.5% purity, 500 nm–1 μm, 

Macklin Co. Ltd.), and graphite C powder (99.5%, Macklin Co. Ltd.). The raw powders were weighed 

precisely according to the equiatomic ratio for (Ti, Zr, V, Nb, Mo)C. The powders were loaded into a 
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steel milling jar with WC milling balls (at a ball-to-powder ratio of 10:1), using anhydrous ethanol as 

the solvent. High-energy ball milling was performed for 36 hours at 400 rpm in a planetary ball mill 

to achieve sufficient mechanical mixing and refinement. The resulting slurry was dried in a vacuum 

oven (60 °C, 12 h) to completely remove the ethanol. The homogeneously mixed powders were then 

loaded into a graphite die with an inner diameter of 20 mm. Densification was carried out using a Spark 

Plasma Sintering (SPS) furnace (SPS-332HF, Fuji Electronics). The samples were heated to 2200 °C 

at a rate of 100 °C/min under a flowing argon atmosphere. A uniaxial pressure of 40 MPa was applied 

during the heating ramp and held for 10 min at the peak temperature of 2200 °C. This procedure aimed 

to fabricate high-density, chemically homogeneous single-phase solid solution ceramic bulks. After 

sintering, the sample was furnace-cooled to room temperature. 

The aging parameters were designed based on thermodynamic phase-fraction calculations and 

preliminary experiments. The phase-fraction calculation was performed using Thermo-Calc software 

[30] with the CSUTDCC1 [31] thermodynamic database. As shown in Figure S1 and discussed in 

Section S1, the high-temperature FCC carbide solid solution becomes thermodynamically unstable 

under the aging temperature range, providing the basis for selecting the aging window. Therefore, 

aging temperatures of 1100, 1200, 1300, 1400, and 1500 °C and aging durations of 10, 20, and 50 h 

were selected to capture the microstructural evolution from the early stage of phase transformation to 

developed phase separation and subsequent coarsening. Accordingly, the as-sintered dense bulk 

samples were cut into small pieces for aging treatment. The aging heat treatment was conducted in a 

tube furnace (Kejing GSL-1750X) under a flowing argon atmosphere. The samples were heated at a 

rate of 5 °C/min to 1100, 1200, 1300, 1400, or 1500 °C and held for 10, 20, or 50 h, respectively. After 

Ju
st

 A
cc

ep
te

d



 

7 

aging, all samples were furnace-cooled to room temperature. The sample surfaces were then ground 

and polished for subsequent microstructural characterization and mechanical property testing. 

2.2 Materials characterization 

Phase identification was carried out using X-ray diffraction (XRD; Rigaku SmartLab) with a 

scanning rate of 10 °/min. Microstructural observations and compositional analyses were performed 

with a scanning electron microscope (SEM; JSM-7800F) equipped with energy-dispersive X-ray 

spectroscopy (EDS; Oxford XMax 80). The precipitate size was measured from SEM images using 

ImageJ software. For each aging condition, precipitates in the analyzed images were measured, and 

the average value was used as the representative particle size. Additional high-resolution 

microstructural observations were obtained via transmission electron microscopy (TEM; Thermofisher 

Talos F200X G2). The C and O elemental contents were determined using a carbon/sulfur analyzer 

(LECO CS844) and an oxygen/nitrogen/hydrogen analyzer (LECO ONH836). Vickers hardness (HV) 

and fracture toughness (KIC) measurements were conducted at room temperature using a Vickers 

hardness tester (HV-30A, Laizhou Huayu Zhongxin Testing Instrument Co., Ltd.) with a load of 9.8 N 

and a dwell time of 15 s. The fracture toughness KIC was calculated based on Equation (1) [32]: 

𝐾𝐼𝐶 = 0.016 ∗ (
𝐸

𝐻𝑉

)

1
2

∗ 
𝑃

𝑐
3
2

(1) 

where 𝐸 is Young’s modulus, 𝐻𝑉 is the hardness value, 𝑃 is the applied load, and 𝑐 represents the 

half-length of cracks formed at the indentation corners. The modulus 𝐸  was obtained from first-

principles calculations. The elastic modulus employed for the 𝐾𝐼𝐶  calculation is 491 GPa. Given the 

high similarity in the moduli of the constituent carbides, and considering that 𝐸 is an intrinsic property 

governed by interatomic bonding, it remains insensitive to microstructural defects such as dislocations 
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and twins. Consequently, adopting the calculated intrinsic modulus effectively mitigates experimental 

measurement errors and accurately reflects the elastic response of the multiphase composite 

microstructure [33]. This methodological approach has been widely validated and applied in studies 

involving phase decomposition and multiphase systems [13,34,35]. 

2.3 Ab initio calculations 

First-principles calculations were performed to evaluate the twin-boundary energy and stacking-

fault energy of ZrC with different C-vacancy concentrations. The calculations were carried out within 

the DFT framework using the Vienna ab initio simulation package (VASP) [36]. The interaction 

between valence electrons and ionic cores was described by the projector augmented wave (PAW) 

method [37], and the exchange–correlation energy was treated using the generalized gradient 

approximation (GGA) with the Perdew–Burke–Ernzerhof (PBE) functional [38]. The plane-wave 

kinetic energy cut-off was set to 520 eV, and the electronic self-consistent convergence criterion was 

set to 1 × 10−7 eV. For Brillouin zone integration, Gamma-centered k-point meshes were adopted, and 

a 5 × 5 × 1 k-point mesh was used for the stacking-fault and twin-boundary supercells. B1-type rock-

salt ZrC was used as the representative model. A 96-atom vacancy-free ZrC reference model was 

constructed, and ZrC1-x supercell models with C-vacancy concentrations of 2%, 4%, and 8% were 

further established to simulate the possible C non-stoichiometry in the ZrC-rich precipitates. For each 

C-vacancy concentration, a planar-defect-free reference model, a (111) twin-boundary model, a (111) 

stacking-fault model, and a (100) stacking-fault model were constructed. The twin-boundary energy 

and stacking-fault energy were calculated from the total-energy differences between the corresponding 

defect-containing models and the reference models. To ensure the comparability of energies among 
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different models, the defect-containing models and their corresponding reference models were 

constructed with the same C-vacancy concentration, supercell size, and computational parameters. 

 

3. Results and Discussion 

3.1 Phase and Microstructural Evolution 

To characterize the phase composition of the synthesized samples, XRD analysis was performed. 

Figure 1 presents the XRD pattern of the as-sintered (Ti, Zr, V, Nb, Mo)C high-entropy ceramic. Only 

one set of sharp diffraction peaks is present in the pattern. All peaks correspond well with the standard 

card for the face-centered cubic (FCC) rock-salt structure (e.g., PDF#01-071-6256-TiC), and no 

diffraction peaks from any other impurity phases are observed. This indicates that the as-sintered 

sample formed a single-phase FCC solid solution structure [34,39]. Notably, the diffraction peaks of 

the (Ti, Zr, V, Nb, Mo)C solid solution are located between those of the individual carbides. The SEM 

micrographs in Figure S2 reveal a dense and homogeneous microstructure for the as-sintered sample, 

with EDS mapping confirming a homogeneous elemental distribution. Furthermore, quantitative 

analysis using carbon/sulfur and oxygen/nitrogen/hydrogen analyzers (Table S1) confirms an 

extremely low oxygen content, indicating negligible oxidation in the as-sintered sample. This is a 

typical characteristic indicating the successful formation of a solid solution from all five metal 

elements [40], thereby confirming the successful synthesis of the material. 
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Figure 1. XRD pattern of the as-sintered (Ti, Zr, V, Nb, Mo)C high-entropy ceramic. 

To elucidate the influence of aging parameters on the synergistic phase transformation, this study 

systematically investigated the microstructural evolution of (Ti, Zr, V, Nb, Mo)C high-entropy 

ceramics under various aging temperatures and durations. Figure 2 shows the SEM-BSE (Back-

Scattered Electron) micrographs of the samples aged in the temperature range of 1100 to 1500 °C for 

10, 20, and 50 h. It should be noted that the phase-fraction diagram in Figure S1 is used to describe 

the equilibrium phase-separation tendency of the high-temperature FCC solid solution. It predicts the 

separation of the matrix into (Ti, V, Mo)C-rich and (Zr, Nb)C-rich carbide phases during aging. The 

ZrC-rich precipitates observed in the SEM and TEM images are experimentally identified precipitates 

formed during finite-time aging. Their formation originates from local Zr enrichment in the 

supersaturated FCC solid solution, which is promoted by the Zr-related mixing instability during phase 

separation. When the local Zr concentration exceeds the solubility accommodated by the surrounding 

carbide matrix, ZrC-rich precipitates form from the supersaturated solid solution. 
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All aged samples exhibit coupled evolution of phase separation and precipitation, although the 

transformation extent varies with aging temperature and time [7,15,41]. At 1100 °C, the phase 

transformation proceeds slowly, and the microstructure remains mainly dominated by the 

supersaturated solid solution matrix. With increasing aging time, discrete ZrC-rich precipitates 

gradually appear and coarsen, whereas a continuous spinodal decomposition structure is not clearly 

developed. When the aging temperature is increased to 1200 °C, the phase transformation becomes 

more active. After aging for 10 h, weak local contrast fluctuations can be observed, suggesting the 

onset of early-stage phase decomposition. This is further supported by the TEM characterization shown 

in Figure S3 and discussed in detail in Section S2, where fine spot-like contrast features are observed. 

At this stage, the phase decomposition remains in its early stage and has not yet evolved into a well-

developed continuous spinodal structure. With further aging, the contrast modulation becomes more 

pronounced, accompanied by the progressive growth of ZrC-rich precipitates. 

At 1300 °C, the microstructural evolution is more pronounced. A distinct coexisting structure is 

already formed after 10 h. As the aging time extends to 20 and 50 h, the phase-separated structure, 

originating from the grain boundaries, gradually expands into the grain interior. Meanwhile, the size 

and quantity of precipitates increase, forming an interwoven composite microstructure of the two 

features. Concurrently, the dispersed deep-black precipitates within the grains have coarsened to 

approximately 1 μm. When the temperature is further increased to 1400 °C, the transformation kinetics 

accelerate sharply. A phase-separated network penetrating the entire grain forms after only 10 h. With 

prolonged time, both this network structure and the precipitates begin to show clear signs of coarsening, 

indicating that the phase separation has entered an advanced stage. 
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At 1500 °C, the high-temperature-induced phase coarsening phenomenon (Ostwald ripening) 

becomes dominant [42-44]. Even after 10 h, the lamellar spacing of the spinodal structure and the 

average size of the precipitates are significantly larger than those in the 1300 and 1400 °C samples. 

When extended to 50 h, the microstructure presents an over-coarsened state, with the precipitates 

reaching 3.4 μm. In summary, the SEM results clearly reveal the coexistence and evolutionary behavior 

of the two phase transformation mechanisms—phase separation and precipitation—in the (Ti, Zr, V, 

Nb, Mo)C system. It is also demonstrated that by regulating the aging temperature and time, the scale 

of the phase separation can be precisely controlled, providing an experimental foundation for obtaining 

a hierarchical strengthening microstructure [45]. 

Representative samples were selected for EDS characterization, and the results, as illustrated in 

Figure S4, reveal that all observed precipitates exhibit distinct Zr enrichment. Coupled with 

quantitative elemental analysis showing negligible oxygen content, these precipitates are identified as 

ZrC-rich precipitates. Furthermore, systematic XRD analysis was conducted on samples across the full 

range of aging temperatures and times (Figure S5). The results indicate that, aside from the two phases 

resulting from the spinodal decomposition of the matrix and the ZrC-rich precipitates, no impurity 

peaks were detected in the diffraction patterns. This demonstrates that under the investigated heat 

treatment conditions, the phase transformation process involves only the anticipated phase separation 

and precipitation behaviors, without detectable oxide-related impurity phases within the resolution of 

XRD, thereby ensuring the chemical stability and phase purity of the high-entropy carbide system 

during high-temperature evolution. 

To further quantitatively analyze the coarsening behavior of the precipitates, statistical 
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measurements of precipitate sizes under different temperatures and aging times were conducted using 

ImageJ software based on SEM images, and the results are shown in Figure S6(a). It can be seen that 

within the range of 1100–1500 °C, the average precipitate size gradually increases with aging time. 

According to the classical Lifshitz–Slyozov–Wagner theory [46], in diffusion-controlled Ostwald 

ripening, the average precipitate radius satisfies: 

𝑟3 − 𝑟0
3 = 𝐾𝑡 (2) 

Based on this relation, the curve of the cube of the precipitate size versus aging time was plotted, 

as shown in Figure S6(b). During the aging process, 𝑟3  exhibits an approximately linear relationship 

with time, indicating that the experimental results are consistent with the kinetic characteristics of 

Ostwald ripening. 

Microstructural evolution reveals the activation sequence and distinct contributions of the two 

mechanisms across different temperatures. In the low-temperature regime, the precipitation 

mechanism is activated first, driven by the strong precipitation tendency. As the temperature increases, 

spinodal decomposition is rapidly initiated, establishing spatial synergy with the precipitate phases 

[47]. The transition in mechanical properties from a monotonic increase to a peak-and-decline trend 

reflects a dynamic balance between strengthening mechanisms and microstructural coarsening: the 

low-temperature regime is characterized by incomplete transformation due to sluggish kinetics, 

whereas the high-temperature regime exhibits performance degradation caused by Ostwald ripening 

and dislocation annihilation following rapid phase transformation. Ultimately, the long-range 

dislocation networks constructed via spinodal decomposition and the short-range strengthening sites 

provided by the precipitates jointly govern the macroscopic performance limits of the material [48]. 
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Figure 2. SEM-BSE micrograph evolution of (Ti, Zr, V, Nb, Mo)C high-entropy ceramics after aging 

heat treatment at different temperatures (1100–1500 °C) and for various durations (10, 20, 50 h). 

The phase evolution of this quinary system is governed by the competition between the enthalpy 

of mixing and the configurational entropy. During sintering at 2200 °C, the high configurational 

entropy stabilizes the single-phase solid solution. However, within the aging temperature range of 

1100–1500 °C, the entropic contribution diminishes, and the positive enthalpy of mixing—arising from 

atomic size mismatches and chemical incompatibilities between sublattices—begins to dominate. This 

thermodynamic instability drives the system into a miscibility gap, triggering spontaneous spinodal 

decomposition, while the high chemical potential gradients of specific components further induce the 
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precipitation and growth of secondary precipitates [48]. 

To elucidate the relationship between grain structure and defect evolution during the aging process, 

EBSD analysis was conducted on the samples aged for 20 h (Figure 3). The Inverse Pole Figure (IPF) 

map (Figure 3(a, d, g, j, m)) reveals that, unlike conventional ceramics which typically undergo grain 

coarsening during high-temperature heat treatment, the grain size of the present system did not 

significantly increase after aging between 1100 and 1500 °C. Instead, it exhibited an abnormal grain 

refinement trend. This is primarily attributed to the synergistic phase decomposition process involving 

the spinodal decomposition phases and ZrC-rich precipitates, which introduced significant lattice 

mismatch and internal stress fields [49-51]. This high level of internal stress not only suppressed the 

migration of existing grain boundaries via the Zener pinning effect but also induced the formation of 

new sub-grain boundaries, thereby leading to this abnormal grain refinement phenomenon [52,53]. 

Figure 3(b, e, h, k, n) presents the Kernel Average Misorientation (KAM) map and its distribution, 

which reflects the degree of lattice distortion. The density of Geometrically Necessary Dislocations 

(GNDs) is positively correlated with the average KAM value (KAMave). It is clear from the KAM 

distribution that the KAMave value exhibits a significant non-monotonic trend with increasing aging 

temperature, where it first increases and then decreases. It reaches a peak value at 1300 °C—

significantly higher than that of the 1100 and 1200 °C samples—before gradually decreasing at 1400 

and 1500 °C. 

This trend strongly suggests that within the optimal aging window (1200–1300 °C), the 

simultaneous occurrence of spinodal decomposition and precipitation generates immense internal 

stress. This stress arises from the significant lattice and thermal mismatch between the new phases and 
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the matrix, and is subsequently relieved via plastic relaxation through the generation of high-density 

dislocations [54,55]. Conversely, at excessively high temperatures (≥1400 °C), the decrease in GND 

density is attributed to two factors: on one hand, microstructural coarsening reduces the phase 

transformation driving force and the degree of lattice mismatch [56]; on the other hand, the high 

temperature accelerates the recovery and annihilation of dislocations. This evolutionary trend of high-

density dislocations significantly influences the material's hardness and toughness [57]. 

 

Figure 3. EBSD analysis of (Ti, Zr, V, Nb, Mo)C high-entropy ceramics aged for 20 h at different 

temperatures: (a, d, g, j, m) IPF maps showing grain evolution; (b, e, h, k, n) KAM maps and their 

corresponding distributions; and (c, f, i, l, o) evolution of the KAMave density. 

To quantitatively evaluate the contribution of dislocation strengthening, a regression analysis 

Ju
st

 A
cc

ep
te

d



 

17 

between the Vickers hardness (𝐻V)  and the square root of the dislocation density (𝜌1 2⁄ )  was 

performed based on the Taylor hardening model. As shown in Figure S7, the linear correlation supports 

an important contribution of dislocation-mediated hardening to the hardness evolution. 

3.2 Multi-scale Synergistic Strengthening Mechanism 

The sample aged at 1300 °C for 20 h was selected for detailed TEM analysis because it shows 

both a representative coexisting microstructure of spinodal decomposition domains and ZrC-rich 

precipitates and the best balance between hardness and fracture toughness. To gain deep insight into 

the micro-mechanisms responsible for this performance enhancement, detailed TEM analysis was 

therefore conducted on this sample. As shown in Figure 4(a), the STEM-HAADF image and the 

corresponding EDS elemental maps confirm the three-phase coexisting composite microstructure at 

the meso-scale: a bright-and-dark interwoven spinodal decomposition structure and dispersed 

precipitates. Correlated with the EDS signals, the bright-contrast regions are identified as the (Zr, 

Nb)C-rich phase, while the gray-contrast regions are identified as the (Ti, V, Mo)C-rich phase. These 

two phases constitute the spinodal decomposition structure. Meanwhile, the spherical precipitates, 

which exhibit a deep-black contrast, are confirmed to be a ZrC-rich phase. This result, at the meso-

scale, corroborates the SEM observations and is consistent with the thermodynamic prediction that the 

high-temperature FCC solid solution separates into (Zr, Nb)C-rich and (Ti, V, Mo)C-rich carbide 

phases during aging. In addition to this phase-separation process, ZrC-rich precipitates are directly 

identified by SEM and TEM analyses. Their formation is driven by local Zr enrichment during aging 

and precipitation from the supersaturated FCC solid solution under finite-time kinetic conditions. 

The nature of the interfaces is central to determining the strengthening efficacy [58]. Figure 4 
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provides a detailed analysis of the interfacial relationships between the different phases. For the (Ti, V, 

Mo)-rich and (Zr, Nb)-rich phases formed by spinodal decomposition (Figures 4(b-g)), the HRTEM 

image reveals a lattice constant mismatch between them, with lattice spacings of approximately 0.221 

nm and 0.228 nm, respectively. However, the Selected Area Electron Diffraction (SAED) patterns  

from both sides correspond to the [0 -1 1] zone axis, indicating that the two phases share the same 

crystallographic orientation. This interface, characterized by a shared orientation but different lattice 

constants, relieves strain by introducing periodic misfit dislocations, thus forming a typical semi-

coherent interface. Geometric Phase Analysis (GPA) strain mapping also confirms the existence of 

significant strain concentration at this interface. In contrast, for the interface between the ZrC-rich 

precipitate and the surrounding spinodal phase (Figures 4(h-k)), the comparison with the standard 

diffraction spots is shown in Figure S8, the SAED patterns from the two sides do not share the same 

zone axis. This indicates a lack of a specific orientation relationship, resulting in the formation of a 

fully incoherent interface. 

The semi-coherent interface, with its periodic array of misfit dislocations, introduces a long-range 

elastic strain field that effectively impedes the long-range glide of dislocations [59,60]. The incoherent 

interface, conversely, acts as a short-range pinning obstacle with high stress concentration due to the 

mismatched crystallographic orientations and the discontinuity in atomic arrangement [61,62]. This 

structure strongly pins dislocations and forces crack-tip deflection. This synergistic obstacle system—

comprising long-range strain fields (from the spinodal phases) and short-range strong pinning sites 

(from the precipitates)—provides a dense and highly effective composite barrier network for impeding 

both dislocation motion and crack propagation [63,64]. 
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Figure 4. Interface engineering analysis of (Ti, Zr, V, Nb, Mo)C high-entropy ceramic (1300°C, 20 

h), (a) STEM-HAADF image and corresponding EDS elemental maps of Ti, Zr, V, Nb, and Mo, (b) 

HRTEM image of the two spinodal phases, (c) corresponding IFFT image, (d) corresponding GPA 

strain map, (e) HRTEM image, (f, g) FFT patterns of the two spinodal phases, (h) HRTEM image of 

the precipitate interface, (i) corresponding GPA strain map, (j) FFT pattern of the precipitate phase, 

(k) FFT pattern of the spinodal phase. 

In addition to interface strengthening, a high density of intragranular defects is present in the aged 

samples. As illustrated in Figures 5(a-i), extremely high-density defect structures are observed within 

the spinodal matrix, particularly in the vicinity of the semi-coherent interfaces. These defects manifest 

in two primary forms: discrete dislocation lines (Figures 5(a-d)) and interconnected dislocation 

networks (Figures 5(e-i)). The discrete dislocation lines are identified as mobile dislocations generated 

to relax local, transient coherency strains during the dynamic progression of spinodal decomposition 

[10,65]. Both IFFT and GPA analyses clearly reveal their dislocation cores and the associated strong, 

localized strain fields. The dislocation networks, in contrast, are primarily misfit dislocations that 
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accumulate at or near the semi-coherent interfaces during the phase separation process to accommodate 

the final lattice mismatch between the (Ti, V, Mo)C-rich and (Zr, Nb)C-rich phases [66]. IFFT and 

GPA analyses also vividly visualize the significant dislocation pile-up effects and the generation of 

pronounced stress-strain phenomena in these regions. These two types of dislocation structures—

originating from different causes but both induced by the phase transformation—intertwine with the 

semi-coherent interfaces. Together, they constitute the microscopic mechanism responsible for 

achieving both high hardness and high toughness. On one hand, they form a dense barrier that impedes 

subsequent dislocation slip, a key source of the material's high hardness consistent with the Taylor 

hardening model [67,68]. On the other hand, during crack propagation, these complex interface and 

defect structures effectively dissipate energy by inducing crack deflection and activating dislocations, 

which leads to crack-tip blunting, thereby significantly enhancing the material's toughness [69]. 

In contrast to the spinodal decomposition in the matrix, the ZrC-rich precipitates exhibit another 

unique defect strengthening mechanism (Figures 5(j-r)). HRTEM characterization confirms that these 

precipitates are not perfect single crystals but are inherently rich in high-density nanotwins (Figures 

5(j-m)). Their corresponding FFT diffraction pattern (Figure 5(l)) also presents a typical symmetric 

arrangement of spots across the twin plane. These high-density twin boundaries are themselves potent 

lattice defects. Much like grain boundaries, they effectively impede dislocation motion, contributing 

to hardness by reducing the effective mean free path for dislocation slip [70,71]. Concurrently, the 

interaction of twin boundaries with dislocations, as well as the plastic deformation of the twins 

themselves under applied stress, serve as crucial energy dissipation pathways within the crack-tip 

plastic zone, thereby significantly enhancing the material's toughness [72,73]. Furthermore, a high 
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density of stacking faults was observed between the nanotwins (Figures 5(o-r)), causing a distinct 

streaking or elongation phenomenon in the FFT spots (Figure 5(q)). As a type of planar defect, 

stacking faults markedly increase the resistance to dislocation slip and effectively pin dislocations 

[74,75]. They act synergistically with the nanotwin boundaries, not only further strengthening the 

precipitate interior but also providing an additional avenue for energy dissipation, thus positively 

contributing to both the hardness and toughness of the material [76,77]. 

 

Figure 5. Defect engineering analysis of (Ti, Zr, V, Nb, Mo)C high-entropy ceramic (1300°C, 20 h). 

(a) Dislocation line morphology, (b) corresponding GPA strain map, (c) IFFT image, (d) magnified 

dislocation core, (e) morphology, (f) corresponding HRTEM image, (g) GPA strain map, (h-i) IFFT 

images, (j) nanotwin HRTEM image, (k) corresponding IFFT image, (l) nanotwin FFT pattern, (m) 

nanotwin GPA strain map; (n) morphology, (o) stacking fault HRTEM image, (p) corresponding 

IFFT image, (q) stacking fault FFT pattern, (r) stacking fault GPA strain map. 

Previous studies have shown that twin formation in ZrC-based carbides can be influenced by C 
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vacancies. Hu et al. [78] induced twin structures in ZrC by regulating C vacancies and further 

demonstrated by first-principles calculations that C vacancies can significantly reduce the twin-

boundary energy of ZrC, thereby facilitating the formation and stabilization of twin structures. 

To further clarify the chemical characteristics of the ZrC-rich precipitates, STEM-EDS elemental 

mapping was supplemented, as shown in Figure S9. The precipitate region exhibits pronounced Zr 

enrichment, while no obvious O enrichment is observed, indicating that ZrO2-related oxides are 

unlikely to be the dominant precipitated phase. Meanwhile, the C signal in the Zr-enriched region is 

relatively weakened compared with the surrounding matrix, demonstrating that the ZrC-rich 

precipitates possess certain C-vacancy or local non-stoichiometric characteristics. Based on this 

observation, first-principles calculations were further performed to evaluate the effect of C vacancies 

on the planar defect energies of ZrC, with the calculation details and specific analysis provided in 

Section S3 of the Supporting Information. As shown in Figure S10, increasing C-vacancy 

concentration reduces the twin-boundary energy and stacking-fault energy of ZrC, indicating that C 

vacancies can lower the energetic cost for planar defect formation and thus facilitate the formation of 

stacking faults and nanotwins in the ZrC-rich precipitates. 

3.3 Macroscopic Mechanical Performance and Analysis 

The evolution of the microstructure, particularly the formation of phase-separated domains and 

ZrC-rich precipitates, is expected to influence the fracture behavior of the material [79-81]. Figure 6 

shows representative indentation-induced crack propagation paths in samples aged for 20 h at different 

temperatures. The indentation morphology in Figure 6(a) shows cracks emanating from the 

indentation corners. In the aged samples, local changes in the crack propagation path can be observed 
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near heterogeneous microstructural regions, including phase-separated domains and ZrC-rich 

precipitates. These features introduce heterogeneous interfaces with differences in composition, lattice 

structure, and local strain state, which may perturb the crack-tip stress field and promote local crack-

path deviation or crack pinning during propagation. Such crack-path perturbation may contribute to 

fracture-energy dissipation and improved fracture resistance in the aged ceramics. 

Crack-path perturbation and crack pinning are common energy-dissipation mechanisms in 

ceramic materials [79,82,83]. In the present system, the semi-coherent interfaces generated by spinodal 

decomposition and the incoherent interfaces associated with ZrC-rich precipitates provide 

heterogeneous regions that can interact with propagating cracks [84]. In addition to these interfacial 

effects, the aging-induced dislocation networks, nanotwins, and stacking faults can further contribute 

to crack-tip blunting and defect-mediated energy dissipation. Therefore, the enhanced fracture 

toughness after aging is attributed to the combined effects of interfacial blocking, local crack-path 

perturbation, and defect-assisted energy dissipation, rather than to crack deflection alone. 

 

Figure 6. Crack propagation paths in (Ti, Zr, V, Nb, Mo)C high-entropy ceramic, (a) typical Vickers 

indentation crack morphology of the sample aged at 1300 °C for 20 h, (b) representative indentation-

induced crack propagation paths in samples aged at 1100–1500 °C for 20 h, the yellow circles mark 
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local crack-path changes near heterogeneous microstructural regions. 

Figure 7(a) and Figure 7(b) show the evolution of Vickers hardness and fracture toughness, 

respectively, for the (Ti, Zr, V, Nb, Mo)C ceramics as a function of aging temperature and time. As 

shown in Figure 7(a), the hardness evolution exhibits a monotonic increase at lower aging 

temperatures. At 1100 °C, the hardness slowly increases with time, showing a 12% enhancement after 

50 h compared to the as-sintered state. At 1200 °C, the growth rate accelerates, and the hardness 

increases by 23% after 50 h. However, when the aging temperature is elevated to 1300 °C and 1400 °C, 

the hardness evolution displays a phenomenon of first increasing and then decreasing. At 1300 °C, the 

hardness reaches its peak value at 20 h, an increase of 36%, before subsequently decreasing. At 1400 °C, 

the hardness peaks at 20 h with a 35% increase compared to the initial state, but it also drops after 

being extended to 50 h. When the temperature reaches 1500 °C, the performance decline occurs earlier. 

The hardness peaks at 10 h (a 26% increase) and then continuously decreases at 20 h and 50 h. 

The evolution of fracture toughness, shown in Figure 7(b), exhibits a highly consistent synergistic 

trend with hardness. At 1100 °C and 1200 °C, the toughness monotonically increases with aging time, 

showing 18% and 31% increases, respectively, at 50 h. At 1300 °C and 1400 °C, the toughness also 

shows a behavior of first increasing and then decreasing. Notably, the sample aged at 1300 °C for 20 

h achieves the highest fracture toughness in the entire experiment, with a 45% increase over the as-

sintered state. At 1400 °C, the toughness peak also occurs at 20 h, with a 42% increase. At 1500°C, the 

performance decline is premature, with the peak occurring at 10 h (a 12% increase), followed by a 

continuous decrease in toughness. The specific values of hardness and fracture toughness are presented 

in Table S2 and Table S3 
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In summary, the hardness and toughness of the (Ti, Zr, V, Nb, Mo)C ceramics achieve a 

remarkable simultaneous enhancement during the aging process. In the 1100–1200°C range, 

performance monotonically increases with time due to insufficient kinetics and incomplete phase 

transformation. In the 1300–1500°C range, a significant performance evolution of first increasing and 

then decreasing is observed. 

The optimal processing window in this study is identified as aging at 1300 °C for 20 h. Under this 

condition, the material simultaneously obtains the highest fracture toughness and peak hardness, 

corresponding to increases of 45% and 36%, respectively, compared with the as-sintered state. This 

increase-then-decrease trend is consistent with the EBSD results in Figure 3, where the KAMave value 

reaches a maximum at 1300 °C and then decreases at 1400–1500 °C. This strongly confirms that the 

material's strengthening and toughening originate from the multi-scale defect structures induced by 

aging, including interfaces, dislocations, and twins. When the aging time is too long (e.g., 50 h) or the 

temperature is too high (e.g., 1500 °C), the microstructure (both spinodal and precipitate phases) 

undergoes coarsening (as shown in Figure 2). Concurrently, the high temperature leads to the recovery 

and annihilation of dislocations (as shown in Figure 3). These two mechanisms jointly lead to the 

weakening of the strengthening effect, causing both hardness and toughness to drop from their peak 

values [85,86]. 

To evaluate the effectiveness of the synergistic strengthening strategy in this study, Figure 7(c) 

compares the optimal performance obtained in this work (indicated by the red star) against the 

hardness-toughness data of other high-entropy ceramics reported in the literature [6,7,20,87-91]. As 

shown, the reported hard ceramic materials generally exhibit a trade-off relationship between hardness 

Ju
st

 A
cc

ep
te

d



 

26 

and fracture toughness, where higher hardness is often accompanied by lower fracture toughness. 

However, the (Ti, Zr, V, Nb, Mo)C ceramic prepared in this work via the synergistic strategy of 

spinodal decomposition and precipitation strengthening achieves a fracture toughness far superior to 

similar materials while maintaining ultra-high hardness. Its data point (the red star) significantly 

deviates from and surpasses the performance boundary of traditional materials, fully demonstrating 

the immense potential of this synergistic strategy in overcoming the intrinsic brittleness of materials. 

 

Figure 7. Mechanical property evolution and comparison for the (Ti, Zr, V, Nb, Mo)C ceramic. (a) 

Vickers hardness and (b) fracture toughness as a function of aging temperature and time, (c) 

hardness-toughness comparison plot of this work (red star) against reported high-entropy ceramics 

and spinodal decomposition-strengthened ceramics from the literature. 
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In summary, as schematically illustrated in Figure 8, the strengthening mechanism of the (Ti, Zr, 

V, Nb, Mo)C ceramic is a complex synergistic effect that spans the atomic, micro, and meso scales. 

This effect originates at the atomic scale with interface engineering, which is founded upon the semi-

coherent (Ti, V, Mo)C-rich / (Zr, Nb)C-rich interfaces from spinodal decomposition and the incoherent 

ZrC-rich precipitate interfaces [59-62]. At the micro-scale, these two types of interfaces induce defect 

engineering [92]: first, the lattice mismatch stress from the semi-coherent interfaces generates a high-

density dislocation network within the spinodal matrix [59-62], and second, the observed ZrC-rich 

precipitates contain abundant nanotwins and stacking faults [70,71]. Ultimately, at the meso-scale, 

these defect structures form the resulting architecture of phase transformation engineering, namely, the 

spinodal decomposition network and the precipitates. This hierarchical strengthening system, spanning 

from the atomic to the meso-scale, finally endows the material with a synergistic enhancement of 

hardness and toughness at the macroscopic scale, successfully mitigating the hardness-toughness 

trade-off [93]. Distinct from the external introduction of zirconia or low-melting-point phases that 

often leads to thermal instability or hardness degradation, this in-situ phase separation strategy 

constructs a fully refractory hierarchical architecture [94]. This intrinsic design not only ensures 

exceptional high-temperature stability but also effectively breaks the traditional trade-off between 

hardness and toughness through multi-scale synergy. 
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Figure 8. Schematic illustration of the multi-scale synergistic strengthening mechanism in the (Ti, 

Zr, V, Nb, Mo)C high-entropy ceramic. 

4. Conclusion 

To address the hardness–toughness trade-off in high-entropy carbides, (Ti, Zr, V, Nb, Mo)C was 

selected as a model system and subjected to SPS followed by aging treatments to regulate its metastable 

phase-transformation behavior. The as-sintered single-phase FCC solid solution underwent coupled 

spinodal decomposition and precipitation during aging, forming a spinodal decomposition structure 

consisting of (Ti, V, Mo)C-rich and (Zr, Nb)C-rich phases together with Zr-rich rock-salt carbide 

precipitates, referred to as ZrC-rich precipitates. This coexisting microstructure constructed a multi-

scale strengthening and toughening architecture, in which semi-coherent spinodal interfaces and 

incoherent precipitate/matrix interfaces promoted local strain fields and defect formation, while the 

interconnected spinodal decomposition domains and dispersed precipitates jointly impeded dislocation 

motion and deflected crack propagation. As a result, the material achieved simultaneous enhancement 
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in hardness and fracture toughness. The sample aged at 1300 °C for 20 h exhibited the best overall 

mechanical performance, with hardness and fracture toughness increasing by 36% and 45%, 

respectively, compared with the as-sintered state. These results demonstrate that the coordinated 

control of spinodal decomposition and precipitation provides an effective strategy for constructing 

hierarchical microstructures and mitigating the hardness–toughness trade-off in transition-metal 

carbide ceramics. 
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