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ABSTRACT: Thermal  barrier  coatings  (TBCs)  with  high  working
temperatures  and  long  service  life  are  indispensable  for  the  hot-end
components  of  gas  turbines  and  aircraft  engines.  This  work  designs
and  verifies  that  tantalate  high-entropy  ceramic  (HEC)  coatings  are
excellent TBCs with working temperatures reaching 1500 °C. We reveal
the  structural  evolution  and  failure  mechanisms  of  tantalate  HEC
coatings  synthesized  via  air  plasma  spraying  (APS).  After  they  are
subjected to thermal  shock at  1500 °C for  614 cycles,  thermal  fatigue
at  1150 °C  for  12,830 cycles,  and annealing at  1100 °C  for  384  h.  The
thermal  stress  caused  by  the  temperature  gradient,  differences  in
thermal  expansion  coefficients  (TECs),  and  mechanical  properties
between ceramic coatings and bond coat  (BC)  lead to the spalling of
coatings  during  thermal  shock,  while  the  effects  of  BC  oxidation  are  limited.  In  thermal  fatigue,  the  accumulative  thermal  stress
between BC and thermally grown oxides (TGO) is higher than the fracture resistance when the h/R ratio is higher than 0.32 (h and R
are the TGO thickness and undulation radius, respectively), which mainly leads to the spalling of coatings. Additionally, the effects
of  coating  sintering  and  stiffness  are  also  considered,  which  lead  to  surficial  spalling  during  the  high-temperature  service.  Two
different failure mechanisms are proposed based on their microstructural evolution, and synthesized tantalate HEC coatings can be
used at temperatures up to 1500 °C, which further promotes the design and application of high-performance TBCs.
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1    Introduction
Next-generation  oxide  thermal  barrier  coatings  (TBCs)  are
required to operate at temperatures beyond 1200 °C and are used
to  provide  thermal  insulation  for  alloy  components  [1−5].  To
maintain  excellent  thermal  insulation  and  long-term  service,
several  characteristics  are  needed  for  TBCs.  (i)  The  operating
temperatures reach 1200–1500 °C, which are higher than those of
yttria-stabilized zirconia (YSZ) [6]. (ii) A low thermal conductivity
is  needed,  as  the  thermal  insulation  is  inversely  proportional  to
thermal  conductivity  [7−9].  (iii)  High  thermal  expansion
coefficients  (TECs  >  10×10−6 K−1,  1200  °C)  reduce  the  thermal
stress  between  TBCs  and  the  bond  coat  (BC)  because  alloy  BC
usually  has  higher  TECs  ((12–16)×10−6 K−1)  than  oxides  [2,10].
(iv) A high fracture toughness (KIC > 3.0 MPa·m1/2) is beneficial for
inhibiting the formation and propagation of cracks during service
[11−14].  Additionally,  TBCs  should  have  a  high  hardness  to

withstand the impacts of high-speed particles and a comparatively
low  modulus  to  increase  their  strain  tolerance  [12,13,15].  The
current  YSZ has  several  disadvantages.  First,  the  phase  transition
leads  to  an  operating  temperature  below  1200  °C,  which  is
unstoppable  [6,16].  Second,  the  thermal  conductivity  increases
dramatically  at  high  temperatures  (>  900  °C)  due  to  thermal
radiation, and it will mitigate its thermal insulation [17,18]. Third,
YSZ  is  severely  corroded  by  CaO–MgO–Al2O3–SiO2 (CMAS)
melts,  which  leads  to  its  premature  failure  [17].  Fourth,  YSZ  is
corroded by moisture, and it is difficult to store and subsequently
apply  [19].  The  problems  of  YSZ  have  been  widely  studied,  but
there  are  no  effective  ways  to  simultaneously  overcome  these
deficiencies.

Various  high-entropy  ceramics  (HECs)  have  been  studied  to
boost  properties  to  replace  YSZ  [20−22].  HECs  mean  that  more
than  four  elements  are  occupying  one  or  more  lattice  sites  and
forming  a  single-phase  material  [23].  Four  main  effects  exist  in 
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HECs  [21−24]:  (i)  The  high-entropy  effect  improves  stability;
(ii)  the  sluggish  diffusion  effect  mitigates  the  growth  rate  and
inhibits  the  formation  of  second  phases;  (iii)  the  severe  lattice
distortion  improves  mechanical  properties;  and  (iv)  the  cocktail
effect  produces  unexpected  properties.  For  example,  RETaO4
HECs  have  a  low  oxygen  ionic  conductivity  and  excellent  high-
temperature stability [25], and RE2Si2O7 HECs have better CMAS
corrosion resistance than their single-RE oxides [26]. Additionally,
HECs  of  carbides  [27],  perovskite  [28],  tantalates  [29],  and
composites [30] are widely studied to improve their performance
for  multifarious applications.  There is  no doubt  that  applications
of HECs are effective in improving properties.

Based on the requirements of next-generation TBCs, we design
and  evaluate  the  service  performance  of  novel  tantalate  HEC
coatings  at  1100–1500  °C,  i.e.,  Zr0.6(YbYTaNb)0.1O2,  for  the
following reasons.  Raghavan et  al.  [31]  reported that  Y2O3−A2O5
(A = Ta or Nb) costabilized ZrO2 improves the high-temperature
stability, which is used at 1000–1500 °C. Furthermore, Y2O3–A2O5
costabilized  ZrO2 has  a  thermal  conductivity  of  2.0  W·m−1·K−1 at
1000 °C, which is obviously lower than that of YSZ. Accordingly,
Zr0.6(YbYTaNb)0.1O2 tantalate  HECs  may  have  far  better
performance than YSZ. Zr4+, Yb3+, Y3+, Ta5+, and Nb5+ cations have
similar  ionic  radii,  and Yb3+,  Y3+,  Ta5+,  and  Nb5+ cations  enter  the
ZrO2 lattice  to  form  a  single-phase  oxide  [32,33],  which  is
instrumental  in  the  formation  of  Zr0.6(YbYTaNb)0.1O2 tantalate
HECs.  To  validate  the  high-temperature  performance  and
corresponding  failure  mechanisms  of  Zr0.6(YbYTaNb)0.1O2
tantalate  HECs,  coatings  are  successfully  synthesized  via  air
plasma  spraying  (APS)  technology.  The  failure  mechanisms  are
analyzed  from  structural  evolutions  that  experienced  high-
temperature  measurements,  including  thermal  shock  at  1500  °C,
thermal fatigue at  1150 °C,  and annealing at  1100 °C.  The above
measurements  are  related  to  the  thermal  cycle  performance  of
tantalate  HEC  coatings,  and  the  changes  in  microstructures  are
vital  points.  This  work  elucidates  the  failure  mechanisms  of
tantalate  HEC  coatings  and  proves  that  they  are  applied  at
temperatures up to 1500 °C.

2    Experiments and methods

2.1    Synthesis of coatings
The oxides were ZrO2,  Ta2O5,  Nb2O5,  Y2O3,  and Yb2O3 from the
Yihua  mall  (China)  with  a  purity  ≥  99.9%.  The  powders  were
weighed  according  to  the  cationic  ratio  of  Zr0.6(YbYTaNb)0.1O2
and  then  ball  milled  within  C2H5OH  for  20  h  at  240  r/min.
Subsequently,  the  mixtures  were  kept  at  80  °C  to  evaporate
C2H5OH  and  then  sintered  at  1500  °C  for  10  h  to  obtain  the
tantalate  HEC  powders.  The  spherical  powders  were  further
synthesized  by  Shaanxi  Tianxuan  Coating  Technology  Co.,  Ltd.,
China,  using  a  spray  granulation  method.  The  coatings  were
sprayed on Ni-based alloy discs with a chamfer of  1.0 mm using
an  APS  machine  (SH-72k,  Shenghua,  China)  as  the  parameters
listed  in Table  1,  and  the  BC  powders  were  Ni46.37Cr25.95
Co21.54Al5.63Y0.51 from Jinzhou Jinjiang Spraying Material Co., Ltd.,
China.

2.2    Identification of structures
Crystal  structures  were  identified  by  an  X-ray  diffractometer
(XRD;  MiniFlex  600,  Rigaku,  Japan)  when  the  microstructures
and  elemental  contents  were  observed  using  a  scanning  electron
microscope  (SEM;  EVO  180,  Zeiss,  Germany)  equipped  with  an
energy-dispersive  spectrometer  (EDS;  Quantax  200,  Bruker,

Germany). The detailed interfacial structure was further identified
by a transmission electron microscope (TEM; Tecnai G2 F20, FEI,
USA),  and  the  sample  was  cut  by  a  focused  ion  beam  (FIB;  FEI
Scios 2, Gatan, USA).

2.3    Measurements of mechanical properties
The  hardness  (H)  and  toughness  (KIC)  were  measured  by  a
Vickers indentation device (HMV-G-FA, Shimadzu, Japan) under
a  load  (P)  of  0.2  kg.  For  each  coating  sample,  six  independent
measurements  were  performed  at  different  locations  to  ensure
statistical  reliability.  The  indentation  morphology  was  recorded
for  subsequent  crack  length  analysis.  The H and KIC were
calculated according to Eqs. (1) and (2) [34, 35]:

H = 0.464 Pd2 (1)

KIC = 0.016
√

E
H · P

c1.5 (2)

where d is the length of the indentation diagonal; c is the length of
the cracks; E is half of the Young’s modulus (Enano) measured via a
nano-indentation  device  (iNano  instrument,  iMicro,  USA).  Bulk
NiCr2O4 ceramics with the same composition as thermally grown
oxides  (TGO)  were  synthesized  via  solid-state  reaction  sintering.
The  elastic  modulus  (ETGO)  was  measured  using  a  nano-
indentation  device,  and  Poisson’s  ratio  (υTGO)  was  determined
using  an  ultrasonic  pulser/receiver  equipment  (UMS-100,
TECLAB, France) [7,11].

2.4    Measurements of service performance
During  the  one-time  thermal  shock  measurement,  the  coatings
were heated to 1500 °C within 20 s by the acetylene flame, and the
holding time was 20 s, which were then cooled by compressed air
for 20 s. The thermal fatigue was conducted at 1150 °C, which had
a holding time of 5 min, and then the coatings were cooled in air
for  5  min.  To study the  changes  in  microstructures,  the  coatings
were  isothermally  oxidized  at  1100  °C  for  384  h  in  an  air
atmosphere  using  a  muffle  furnace.  During  these  measurements,
the  tantalate  HEC  coatings  were  treated  as  a  failure  when  the
spalling  area  was  higher  than  20%.  The  TGO  thickness  was
measured  using  SEM.  For  each  sample,  cross-sectional  images
were  obtained  at  multiple  representative  locations  along  the
coating–substrate interface. Within each field of view, five separate
measurements  were  taken  at  different  positions  to  ensure
statistical  reliability.  The  TGO  thickness  at  each  measurement
point  was  determined  by  measuring  the  perpendicular  distance
from  the  bond  coat  surface  to  the  outer  boundary  of  the  oxide
layer.  The  five  measurements  from  each  location  were  then
averaged to obtain the mean TGO thickness value for that specific
region.

 

Table 1    Synthesis  parameters of  tantalate HEC coatings and BC during APS,
including  plasma  power  (PP  (kW)),  plasma  arc  electric  current  (PAEC  (A)),
plasma  arc  voltage  (PAV (V)),  gas  flow rate  (GFR (NL∙min−1),  feeding  rate  of
powders  (FRP  (g·min−1)),  spraying  speed  (SS  (mm·s−1)),  and  spraying  distance
(SD (mm))

Coating PP
(kW)

PAEC
(A)

PAV
(V)

GFR (NL∙min−1) FRP
(g∙min−1)

SS
(mm∙s−1)

SD
(mm)Ar H2

Tantalate HECs 45 557 80.8 40 9.6 25 46 180
BC 38 523 72.6 45 8.4 28 46 200
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3    Results

3.1    Microstructures and crystals of spherical powders
Figure 1(a) shows that most spherical powders have diameters of
20–80  μm.  Each  element  is  uniformly  distributed,  and  the  EDS
spectra are shown in Fig. 1(b). Figure 1(c) presents the particle size
distribution analysis,  The particle size of the powder ranges from
25–75  μm,  with  a  mean  particle  size  of  42.9±9.7  μm. These
particle size characteristics and the high sphericity of the powders
indicate  that  the  feedstock  material  is  well  suited  for  APS.
Figure 1(d) shows that the as-sintered powders are crystallized in
the  tetragonal  YTaO4 (T-YTaO4)  and  tetragonal  YSZ  (t-YSZ)
phases.  Minor  contents  of  monoclinic  YSZ  (m-YSZ)  are  found,
while they are not detected in the synthesized coatings below.

Based  on  the  Y0.5Ta0.5O2–ZrO2 and  YO1.5–TaO2.5–ZrO2 phase
diagrams,  the  crystal  structures  change  with  temperature  and
composition  [32,36].  The  solid  solution  degree  of  ZrO2 in
Y0.5Ta0.5O2 is less than 28 mol%, while the solid solution degree of
Y0.5Ta0.5O2 in ZrO2 is less than 35 mol%. The high-entropy effects
lead  to  high-temperature T-YTaO4 being  stable  at  room
temperature,  and t-ZrO2 is  stabilized  by  Yb2O3–Y2O3–
Ta2O5–Nb2O5 [32,36,37].  However,  Yb3+,  Y3+,  Ta5+,  and  Nb5+

completely enter the ZrO2 lattice to form fluorite ceramic coatings
during  APS,  as  proven below.  The  temperatures  during  APS are
far  higher  than  the  melting  points  of  tantalate  and  zirconium
oxides,  which  promote  the  formation  of  single-phase  tantalate
HEC coatings. Thus, the crystal structures of spherical powders do
not severely affect the following measurements and analysis.

3.2    Microstructures of tantalate HEC coatings
Figure 2(a) shows the tantalate HEC coatings with a thickness of
approximately 150 μm and BC with a thickness of approximately
120 μm. Additionally, Fig. 2(b) shows the synthesized coatings in
the vicinity of the chamfers of the substrates. A chamfer is used to
reduce thermal stress between the coatings and substrates,  which
will  avoid  the  premature  failure  of  coatings  due  to  enormous
thermal  stress  on  the  edge.  Surface  roughness  measurements

reveal  that  the  as-sprayed  tantalate  HEC  coatings  exhibit  an
average surface roughness of 9.64±2.82 μm over a 1 mm × 1 mm
area  and 9.48±0.87  μm over  a  10  mm × 10  mm area,  indicating
good  surface  uniformity  across  different  measurement  scales
(Fig.  S1  in  the  Electronic  Supplementary  Material  (ESM)).
Figure 2(c) shows that tantalate HEC coatings and BC are clearly
distinguished  based  on  the  EDS  mapping  of  Zr,  Y,  and  Nb.
Furthermore,  minor Al2O3 is  produced during APS according to
Al and O segregations in BC.

The  components  of  tantalate  HECs  and  BC  are  further
identified  by  EDS  and  are  shown  in Fig.  3.  The  as-sprayed
tantalate  HEC  coatings  are  crystallized  into  a  fluorite  phase,  as
shown in Fig. 4, and the specific content of each element is shown
in Fig. 3(b). Additionally, a Y/Ta-rich phase is found, which is too
tiny to be counted. For BC, the Cr and Ni segregations are found
at  the  interface,  which  is  marked  by  a  blue  point. Figure  3(d)
indicates that the Cr and Ni segregation areas are oxidized to form
TGO during APS, and the elemental contents of most areas in BC
are consistent with the raw alloy powders shown in Fig. 3(e). The
oxidized  area  is  further  confirmed  as  NiCr2O4 based  on  the
following TEM and EDS results.

The  as-sprayed  tantalate  HEC  coatings  are  crystallized  into  a
fluorite phase, and Yb3+, Y3+, Ta5+, and Nb5+ cations enter the ZrO2
lattice during APS. The YO1.5–ZrO2 phase diagram shows that the
solid  solution  degree  of  YO1.5 in  ZrO2 is  as  high  as  50  mol%,
which  is  beneficial  for  the  formation  of  fluorite  tantalate  HEC
coatings  [32,37,38].  A  minute  second  phase  is  found  in  the
tantalate HEC coatings, which is omitted. The oxidation of BC is
inevitable  during  APS  due  to  the  high  temperatures  and  air
environments.  It  is  clear that  the tantalate HEC coatings and BC
are  successfully  synthesized  via  APS  on  the  surface  of  Ni-based
alloys, and they are used for thermal measurements.

3.3    Thermal shock at 1500 °C
Figure 5(a)  shows the cross-sectional  microstructures of  tantalate
HEC coatings after 460 thermal shock measurements at 1500 °C,
and some coatings are spalled at the center. Additionally, obvious
transverse  cracks  are  observed  at  the  interface  between  the

 

Fig. 1    Characteristics of tantalate HEC spherical powders. (a) Microstructures and EDS mapping of spherical powders; (b) EDS spectrum; (c) distributions of powder
diameters; (d) XRD patterns. Spherical powders of tantalate HECs are synthesized via spray granulation. Each element is uniformly distributed on spherical powders, and
they have a mean diameter of 42.9±9.7 μm, which can be used to synthesize coatings via APS technology.
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ceramic coatings and BC caused by the interfacial  thermal stress,
as  shown  in Fig.  5(c). Figure  5(b)  shows  that  abundant  TGO  is
formed  in  BC,  and  numerous  tiny  transverse  cracks  are  formed,
which  further  grow  and  intersect  to  lead  to  the  spalling  of
coatings.  Some  tiny  longitudinal  cracks  are  also  found,  and  they
are  beneficial  for  reducing  thermal  stress  [15,39,40]. Figure  5(d)
shows that TGO mainly contains Cr, Ni, and O, and NiCr2O4 may
be  formed.  After  460  measurements,  the  spalling  area  of  the
tantalate  HEC  coatings  is  less  than  20%,  and  we  continue  the

measurements  up  to  614,  when  the  spalling  area  is  higher  than
20%.

Figure 6(a) shows that the residual  tantalate HEC coatings are
minor,  and  most  BC  is  oxidized  to  form  TGO,  as  shown  in
Fig.  6(b).  The TGO mainly  contains  Cr,  Ni,  and O,  as  shown in
Fig.  6(c),  which  is  similar  to  the  results  shown  in Fig.  5(d).
Importantly,  TGO  is  formed  within  the  whole  BC,  while  no
continuous  or  dense  TGO layer  is  formed on the  surface  of  BC.
No  obvious  cracks  are  detected  within  BC,  and  the  failure  of

 

Fig. 2    Cross-sectional microstructures of as-sprayed tantalate HEC coatings. (a) Thickness of tantalate coatings and BC; (b) coatings and BC at edge; (c) EDS mapping.
As-sprayed tantalate coatings are approximately 150 μm when BC is 120 μm, and minor alloys are oxidized during APS process.

 

Fig. 3    Interface between tantalate coatings and BC. (a) Micromorphology and distributions of each element; (b–e) elemental contents obtained from EDS of points B–E
marked in (a), respectively. Y/Ta segregation is found in as-sprayed tantalate coatings.
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tantalate HEC coatings is mainly affected by the transverse cracks
between BC and tantalate HEC coatings. The failure mechanisms
of  tantalate  HECs  coatings  observed  in  the  present  study  differ
distinctly  from  those  reported  in  the  literature,  where  cracks  are
generally  found  to  form  between  TGO  and  BC  due  to  thermal
stress,  and  the  subsequent  linking  of  cracks  at  the  TGO/BC
interface with those in the ceramic coating ultimately leads to the
spalling of TBCs [2,10,41], and they are further discussed below.

During  thermal  shock,  the  increasing,  holding,  and  cooling
time  is  20  s,  meaning  that  the  temperature  changes  quickly.
Therefore, the thermal stress between tantalate HEC coatings and
BC is caused by the differences in TECs and modulus,  as well  as

the undulation of BC [2,10,42]. The quick changes in temperature
and  comparatively  short  holding  time  at  1500  °C  lead  to  the
formation  of  no  continuous  or  dense  TGO  layer  on  BC;
accordingly, there are no cracks at the interface between TGO and
BC.  The  thermal  stress  between  tantalate  HEC  coatings  and  BC
during thermal shock results in their failure.

3.4    Thermal fatigue at 1150 °C
The  change  in  temperature  during  thermal  fatigue  at  1150  °C  is
much  slower  than  that  in  thermal  shock  at  1500  °C,  and
measurements  of  thermal  fatigue  are  as  high  as  12,830  cycles
before failure. Figure 7(a1) shows that minor spalling is found on

 

Fig. 4    XRD patterns of tantalate HEC coatings after different measurements. (a) XRD patterns after holding at 1100 °C for 384 h; (b) XRD patterns after thermal fatigue
and shock. Tantalate HEC coatings exhibit excellent high-temperature phase stability, and they maintain a cubic fluorite phase after various measurements.

 

Fig. 5    Structural evolution of tantalate HEC coatings and BC after 460 thermal shocks at 1500 °C. (a) Ceramic coatings around the center; (b) structural characteristics in
ceramic coatings  and BC;  (c)  ceramic coatings  on edge;  (d)  elemental  distributions obtained from EDS mapping.  Minor spalling is  detected at  center,  and obvious
transverse cracks are found between ceramic coatings and BC, while fine longitudinal cracks are found in tantalate coatings. TGO is produced in BC, which will lead to
spalling of tantalate HEC coatings with further measurements.
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the tantalate HEC coatings after 5000 thermal fatigue cycles, while
no obvious transverse cracks are found. Figure 7(a2) and Fig. S2 in
the ESM reveal that the oxidized area in BC is limited at this early
stage.  The  TGO  layer  appears  discontinuous  and  relatively  thin,
with  an  average  thickness  of  approximately  2–3  μm.  The  EDS
mapping in Fig. S2(c) in the ESM shows that TGO is enriched in
Cr,  Ni,  and O, while the distribution is  not yet continuous along

the BC and ceramic coating interface.  At  this  stage,  the  thin and
discontinuous TGO does not generate sufficient thermal stress to
initiate  obvious  cracks,  and the  coating system remains  relatively
intact.

Figure  7(b1)  shows  that  the  tantalate  HEC  coatings  are  still
complete  after  9000  thermal  fatigue  cycles;  however,  obvious
transverse  cracks  are  found  between  the  BC  and  tantalate  HEC

 

Fig. 6    Structural evolution of tantalate HEC coatings and BC after 614 thermal shocks at 1500 °C, and peeling area of tantalate coatings is higher than 20%. (a) Residual
tantalate HEC coatings; (b) oxidized area in BC; (c) elemental distributions obtained from EDS mapping. Tantalate HEC coatings fail after thermal shock at 1500 °C for
614 cycles, and residual tantalate HEC coatings are less than 50 μm on surface. BC is massively oxidized, and large-area TGO is found in vicinity of interface between BC
and tantalate HEC coatings.
 

Fig. 7    Structural evolution of tantalate HEC coatings and BC after thermal fatigue at 1150 °C. (a1, a2) 5000 cycles; (b1–b3) 9000 cycles; (c) 12,830 cycles. BC is oxidized
with increasing holding time, and longitudinal and transverse cracks are produced in tantalate HEC coatings. After 12,830 thermal fatigue cycles, the tantalate HEC
coatings fail when the spalling area is higher than 20%. A penetrating transverse crack is formed within coatings, and changes in cracks in ceramic coatings and oxidized
area in BC prove that thermal stress between BC and ceramic coatings increases with increasing time.
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coatings,  as  shown  in Fig.  7(b2).  Furthermore, Fig.  7(b3)  shows
that  numerous  tiny  cracks  are  found  within  tantalate  HEC
coatings,  and  BC  in  the  vicinity  of  ceramic  coatings  is  obviously
oxidized,  indicating  that  thermal  stress  is  significantly  increased
[43,44]. The detailed microstructural characterization in Fig. S3 in
the ESM reveals that a continuous and dense TGO layer has been
established at this stage, with the thickness increasing to 5–7 μm.
The  formation  of  a  continuous  TGO  layer  marks  a  critical
transition  point  in  the  coating  degradation  process:  Below  this
thickness,  the  TGO  remains  discontinuous,  and  the  interfacial
stress  is  insufficient  to  cause  cracking;  once  the  TGO  becomes
continuous  with  a  thickness  exceeding  5  μm,  the  accumulated
thermal stress reaches a critical level to initiate transverse cracks at
the ceramic coating and TGO interface. The EDS mapping in Fig.
S3(d)  in  the  ESM  further  confirms  that  the  TGO  composition
remains predominantly Cr, Ni, and O, indicating a stable NiCr2O4
spinel  structure. Figure 7(c) shows a penetrating transverse crack
at  the interface between the BC and tantalate HEC coatings,  and
evident  spalling  is  found  at  the  center  of  the  sample,  which
indicates  failure.  The detailed TGO characterization in Fig.  S4 in
the  ESM  shows  that  the  TGO  thickness  exceeds  10  μm  after
12,830 thermal fatigue cycles. Due to the undulation morphology
of  the  BC  surface,  the  TGO  thickness  exhibits  significant  spatial
variation: The TGO is relatively thinner at the undulation valleys
(8–10  μm)  and  considerably  thicker  at  the  undulation  peaks
(15–20 μm).  This  nonuniform TGO distribution generates  stress
concentration  at  the  undulation  peaks,  which  promotes  crack
initiation  and  propagation  along  the  ceramic  coating  and  TGO
interface.  The  EDS  mapping  in  Fig.  S4(b)  in  the  ESM  confirms
that  the  TGO  maintains  the  NiCr2O4 composition  even  after
prolonged  thermal  fatigue  exposure.  Throughout  the  thermal
fatigue  process,  the  TGO  layer  is  primarily  composed  of  Cr,  Ni,
and O, as confirmed by the EDS mapping results in Figs. S2–S4 in
the  ESM.  This  indicates  that  the  TGO  is  mainly  NiCr2O4 spinel
rather  than  α-Al2O3,  which  is  typically  formed  as  a  protective
oxide  layer  in  conventional MCrAlY  bond  coats  [41,45,46].  The
preferential formation of NiCr2O4 over Al2O3 may be attributed to
the  specific  thermal  conditions  during  fatigue  testing.  The  rapid
heating  (3  min)  and  cooling  (2  min)  cycles  do  not  provide
sufficient  time  for  the  selective  oxidation  of  Al  to  establish  a
continuous  Al2O3 layer  and  instead  promote  the  oxidation  of
more readily available Ni and Cr elements at the BC surface. The
NiCr2O4 spinel  has  a  higher  growth  rate  than  α-Al2O3,  which
contributes  to  the  relatively  rapid  TGO  thickening  observed  in
this  study.  Importantly,  no  obvious  cracks  are  observed  between
TGO and BC throughout  the  thermal  fatigue  process,  indicating
that  the  TGO/BC  interface  maintains  good  adhesion  and  that
failure initiates from the ceramic coating side rather than through
TGO/BC delamination.

The microstructural evolutions after thermal fatigue at 1150 °C
have  something  in  common  with  those  documented  in  Section
3.3,  and  thermal  stress  between  BC  and  ceramic  coatings  is  the
main  factor.  The  progressive  thickening  of  TGO from the  initial
2–3  μm  to  over  10  μm,  combined  with  its  nonuniform
distribution  along  the  undulated  BC interface,  contributes  to  the
gradual  accumulation  of  thermal  stress  at  the  ceramic
coating/TGO  interface.  The  enlargements  and  interlinks  among
numerous tiny cracks form penetrating transverse cracks and lead
to  spalling  of  the  coatings.  Based  on  the  correlation  between  the
TGO  thickness  evolution  and  crack  initiation  observed  in  this
study,  the  critical  TGO  thickness  for  crack  formation  is
determined  to  be  approximately  5–7  μm  in  this  tantalate  HEC
coating  system,  which  is  consistent  with  the  critical  TGO

thickness  range  reported  for  conventional  YSZ-based  TBC
systems.

3.5    Annealing at 1100 °C
The failure of tantalate HEC coatings is mainly caused by thermal
stress  between  BC  and  ceramic  coatings,  and  BC  is  oxidized  to
form NiCr2O4 TGO. Usually, the formation of TGO and increases
in  its  thickness  are  connected  to  the  heat  treatment  temperature
and time. The thermal shock at 1500 °C displays quick changes in
temperature,  and its  holding time is  short.  Therefore,  there is  no
continuous or dense TGO layer. During thermal fatigue at 1150 °C,
a  thick TGO layer  is  formed after  9000 measurements,  and both
tiny  cracks  and  obvious  transverse  cracks  are  observed  in  the
ceramic  coatings.  Therefore,  the  inner  thermal  stress  in  ceramic
coatings  and  interfacial  thermal  stress  between  BC  and  ceramic
coatings synergistically  contribute to failure.  To further study the
origins  of  these  two  types  of  thermal  stress,  the  tantalate  HEC
coatings are kept at 1100 °C for 384 h, and the changes in crystal
structures and microstructures are investigated.

Figure  8 shows  microstructural  evolutions  of  tantalate  HEC
coatings  after  holding  at  1100  °C for  384  h,  where  cracks,  pores,
semimolten  and  unmolten  particles  are  found.  Obvious  cracks
and  fine  recrystallization  grains  are  found  on  ceramic  coatings
after  holding at  1100 °C for  150–384 h,  and recrystallization will
increase the inner thermal stress [47]. Additionally, Figs. 8(g1) and
8(h3)  show  the  fragmented  powders  and  coatings,  and  they  are
indicators  of  inner  thermal  stress.  The  increased  inner  thermal
stress  leads  to  fragmentation  and  gradual  spalling  of  ceramic
coatings, which are consistent with the microstructures shown in
Figs. 5(a) and 7(a1). Figure 5(a) shows that tantalate HEC coatings
maintain  a  fluorite  structure  after  holding  at  1100  °C  for  384  h.
Only minor contents of t-YSZ are found in coatings heat treated
for  24  h.  Figure  S5  in  the  ESM  shows  that  each  element  is
distributed evenly, and no precipitated phase is found. Figure 5(b)
shows  that  tantalate  HEC  coatings  maintain  a  fluorite  structure
after thermal fatigue and thermal shock, and minor peaks of Al2O3
are found after thermal shock at 1500 °C for 614 cycles. The above
results  show  that  the  as-sprayed  coatings  exhibit  excellent  high-
temperature stability, and they can be used at temperatures up to
1500 °C.

The  evolution  of  BC  microstructures  and  thermal  stress
between BC and ceramic coatings are the main causes of coating
spalling,  and Fig.  9 shows  the  structural  evolution  of  BC  after
holding at 1100 °C for 384 h. Inner oxidation is found in the as-
sprayed  BC,  as  marked in Fig.  9(a),  and the  interfacial  oxidation
marked by the green rectangle is triggered with increasing holding
time.  With  increasing  holding  time,  internal  oxidation  is  further
promoted, as marked by the red rectangle. When the holding time
exceeds  48  h,  interfacial  oxidation  interlinkage  is  found,  and  a
dense,  continuous  TGO  layer  is  formed,  which  will  further
become  thicker  with  increasing  holding  time.  Additionally,
internal oxidation interlinkage is  detected when the holding time
is 96–384 h, and the thickness of the internal TGO is increased, as
marked with a yellow rectangle. Figure 9(b) shows that Ni and O
are  gathered  together  at  the  interface  TGO,  while  the  internal
TGO  contains  abundant  Al.  Accordingly,  the  compositions  of
TGO in Fig. 9 are different from the results in Figs. 5 and 6, and
Figs.  S2–S4  in  the  ESM,  which  may  be  caused  by  the  different
thermal measurements.

The  formation  of  TGO  and  thermal  stress  between  BC  and
tantalate HEC coatings are the main factors for spalling of ceramic
coatings,  while  the effects  of  inner  stress  caused by sintering and
recrystallization  of  ceramic  coatings  are  also  studied.  The
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Fig. 8    Structural evolution of tantalate HEC coatings after holding at 1100 °C for 384 h. (a–h) Surface microstructures after holding for 0, 10, 24, 48, 96, 150, 200, and
384 h, respectively. Semimolten and unmolten particles are found in as-sprayed coatings, and there is a small number of pores and cracks. Heat treatment at 1100 °C did
not change crystal structures of tantalate HEC coatings. However, recrystallization is found in coatings when holding time is longer than 150 h, which causes cracks and
destruction of coatings.

 

Fig. 9    Structural evolution of BC after holding at 1100 °C for 384 h. (a) Structural characteristics; (b) EDS mapping after 384 h heat treatment; (c) meaning of dashed
rectangles used in (a). BC is oxidized during APS process, and oxidized area increases with increasing holding time at 1100 °C.
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evolutions of BC and TGO are different when the tantalate HEC
coatings are subjected to different thermal measurements, but the
intrinsic  failure  mechanisms  are  enormous  thermal  stresses
between  BC  and  ceramic  coatings,  and  they  are  key  points.  In
addition  to  the  TGO  composition  and  thickness,  the  oxidation
rate is also considered. The three types of thermal measurements
show  that  both  interface  and  internal  oxidation  of  BC  are
triggered,  and  the  oxidation  rates  increase  with  increasing
measurement  time.  Accordingly,  the  TGO  thickness,  thermal
stress, and oxidation rates of BC are discussed in Section 4.

4    Discussion

4.1    Evolutions of TGO microstructures
Figure  10(a)  shows  the  oxidation  rate  of  BC  after  being  kept  at
1100 °C for  384 h,  which increases  as  the holding time increases
and reaches a  maximum of  31.2% at  200 h.  The microstructures
used  to  calculate  the  oxidation  rate  are  shown  in Fig.  10(b).  A
dense and continuous TGO layer is formed on BC after holding at
1100 °C for 384 h, indicating that further internal oxidation of BC
is difficult to realize, as the TGO will stop the migration of oxygen.
The oxidation rate  of  BC after  thermal  shock at  1500 °C for  614
cycles is 38.4%, and it is 39.7% after thermal fatigue at 1150 °C for
12,830 cycles. The oxidation rates are similar when tantalate HEC
coatings  fail.  No  obvious  cracks  are  found  in  BC  and  at  the
interface between BC and TGO, proving that the internal thermal
stress  is  relatively  low,  which  will  not  lead  to  the  formation  of
penetrating cracks.

In  addition  to  the  oxidation  area,  the  thickness  of  TGO  is  a
main factor resulting in enormous thermal stress between BC and
ceramic coatings.  The thickness of TGO after thermal shock and
thermal  fatigue  measurements  is  not  clear,  and  we  count  the
thickness of TGO after holding at 1100 °C for 384 h. Figure 10(a)
shows  that  the  average  TGO  thickness  increases  quickly  with
increasing holding time, and an approximate linear relationship is
found.  The  observed  approximate  linear  relationship  between
TGO thickness and heat treatment time deviates from the classical
Wagner  oxidation theory,  which predicts  a  parabolic  growth law
(δ2 ∝ t, where δ is the oxide thickness, and t is the oxidation time)
for diffusion-controlled oxidation processes [48,49]. In this study,
the TGO thickness  increases  from approximately  2.1  μm at  10 h

to 8.1 μm at 200 h and reaches over 15 μm at 384 h, exhibiting an
average growth rate of approximately 0.04 μm/h. This near-linear
behavior  can  be  attributed  to  several  factors.  First,  the  TGO
formed here is primarily NiCr2O4 spinel rather than α-Al2O3. The
growth  rate  of  NiCr2O4 spinel  is  typically  2–5  times  faster  than
that of α-Al2O3 due to the concurrent diffusion of multiple cation
species  (Ni2+ and  Cr3+),  which  sustains  a  near-linear  growth  rate
within  the  investigated  time  range  [50,51].  Second,  the  porous
microstructure  of  the  APS-deposited coatings  provides  abundant
fast  diffusion  paths  for  oxygen  transport,  maintaining  an
enhanced  oxidation  rate  that  deviates  from  the  typical  parabolic
kinetics  observed  in  dense  coating  systems.  Furthermore,  the
simultaneous  occurrence  of  interfacial  and  internal  oxidation
within  BC,  as  evidenced  by  the  oxidation  rate  reaching  31.2% at
200 h (Fig. 10), complicates the overall oxidation kinetics. Similar
near-linear  TGO  growth  behaviors  have  been  reported  in  other
APS–TBC systems where complex microstructure and multiphase
oxidation  processes  lead  to  nonclassical  growth  kinetics  [52,53].
Figure S6 in the ESM shows the typical  TGO structures,  and the
largest  TGO  thickness  is  higher  than  30  μm,  which  exceeds  the
critical thickness of TGO [45,47,54,55].

The  relevant  thermal  stress  is  comparatively  low  during  the
isothermal  heat  treatment.  The  top  coat  (TC,  i.e.,  tantalate  HEC
coatings),  TGO,  and  BC  are  distinguished  by  EDS  mapping,  as
shown in Fig. 11(a), and Table 2 lists the detailed components of
P2  and  P3,  which  correspond  to  TGO  and  TC,  respectively.
Figure  11(b)  shows  that  TGO  marked  as  P2  has  a  fluorite
structure  corresponding  to  NiCr2O4,  proving  that  TGO  is
NiCr2O4, which is also reported in other studies [56,57].

4.2    Evolutions of mechanical properties
During  the  isothermal  heat  treatment  at  1100  °C,  the  thermal
stress  is  relatively  low  based  on  the  evolution  of  TGO  and  BC,
while the thermal stress during thermal fatigue and shock is much
higher  due  to  the  misfits  in  TECs  and  mechanical  properties
among  TC,  TGO,  and  BC  [58].  The  hardness  and  modulus  of
tantalate  HEC  coatings  increase  with  increasing  holding  time  at
1100  °C,  caused  by  the  sintering  of  ceramic  coatings  [47,59].
Figures 12(a) and 12(b) show that the nano Young’s modulus and
hardness  of  tantalate  HEC  coatings  and  BC  increase  with
increasing holding time at 0–200 h, and they tend to be constant
when  the  holding  time  is  longer  than  200  h.  The  cracks  are

 

Fig. 10    Oxidation rates and TGO thickness of BC after holding at 1100 °C for 384 h. (a) Oxidation rates and average TGO thickness as a function of holding time;
(b) typical microstructures used to calculate oxidation rates and TGO thickness. Oxidation rates increase with increasing holding time, reaching a maximum (31.2%)
after 200 h, and further oxidation is not triggered with prolonged holding time.
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reduced due to high-temperature sintering and lead to increments
in hardness and modulus.  Meanwhile,  the internal thermal stress
increases  with  increasing  holding  time,  which  results  in  the
production of cracks at the interface between the ceramic coatings
and  BC.  Figure  S10  in  the  ESM  shows  that  obvious  transverse
cracks are found in the vicinity of BC, which reduce the hardness
and  toughness  measured  by  Vickers’s  indentation. Figure  12(c)
shows  that  the  hardness  reaches  a  maximum  after  holding  at
1100 °C for 150 h, and Fig. 12(d) shows that the toughness (0.63–
0.76  MPa·m1/2)  is  stable  with  increasing  time. Table  3 lists  the
comprehensive mechanical properties of ceramic coatings, and the
toughness  is  similar  to  that  of  7YSZ  coatings  [2,10].  The  high
toughness  inhibits  the  formation  and  propagation  of  cracks  to
increase the lifetime. The nanohardness is much higher than that
measured  by  Vickers’s  hardness  because  nano-indentation  can
avoid the cracks and pores in coatings, as shown in Fig. S10 in the
ESM.

The evolutions of hardness and modulus indicate that tantalate
HEC  coatings  are  stiffened  after  thermal  measurements,  which
reduces  the  strain  tolerance.  At  the  same  time,  the  pores  and
cracks  are  reduced  in  ceramic  coatings,  while  thermal  stress  is
increased  at  the  interface  between  ceramic  coatings  and  BC.
Therefore,  sintering and stiffening are harmful for tantalate HEC

coatings.  Considering  that  the  changes  in  mechanical  properties
and  stress  are  more  rapid  at  higher  cycling  temperatures,  the
measuring times of thermal shock at 1500 °C are much less than
those of thermal fatigue at 1150 °C.

4.3    Evolutions of thermal stress
Thermal stress leads to the failure of coatings, and different types
of thermal stress exist in ceramic coatings and their interface [60].
The  widely  reported  failure  mechanisms  of  APS  coatings  under
thermal  measurements  are  shown  in Figs.  13(a)–13(c)
[2,10,61,62],  and  the  interfacial  thermal  stress  (σN)  between  BC
and  TGO  is  tensile  in  the  undulation  peak  of  TGO,  while  it  is
compressive in the undulation valley [2]. Figure 13(d) shows that
ceramic  coatings  are  subjected  to  radial  stress  (σ*)  [63].  The
interfacial stress between BC and TGO results in interfacial cracks,
and  the  inner  stress  in  ceramic  coatings  leads  to  numerous  tiny
cracks.  The  cracks  interlinking  and  coarsening  will  form  a
penetrating  transverse  crack,  resulting  in  coating  spalling,  as
observed in Figs. 6 and 7. Furthermore, other failure mechanisms
are  also  observed  in  this  work,  including  recrystallization  and
partial  spalling  of  ceramic  coatings  [47,59],  and  TGO  has  a
thickness larger than the critical thickness of 5–6 μm [2,54,55,64].
Therefore,  the  failure  mechanisms  of  tantalate  HEC  coatings

 

Fig. 11    Typical interfacial structures and elemental distributions of tantalate HEC coatings after holding at 1100 °C for 200 h. (a) HAADF and EDS mapping; (b) high-
resolution TEM (HR-TEM) and corresponding selected area electron diffraction (SAED) of different phases. BC is obviously oxidized to form NiCr2O4 TGO.

 

Table 2    Elemental contents of P2 and P3 marked in Fig. 11

Point Al Cr Co Ni Y Zr Nb Yb Ta
P2 3.82 21.61 4.87 9.18 0.01 0.29 0.06 0.36 0.26
P3 0.00 0.70 0.09 0.00 5.43 22.47 0.83 4.56 4.11
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under differential thermal measurements are further analyzed.
During  thermal  shock  at  1500  °C,  the  surface  temperature  of

the  ceramic  coatings  reaches  1500  °C,  while  the  temperatures  of
the BC and substrate are much lower. Considering that Ni-based
BC is severely oxidized at temperatures beyond 1075 °C [65] and
the  limit  working  temperature  is  1150  °C,  it  is  reasonable  to
assume  that  the  temperature  of  BC  is  1150  °C.  Therefore,  the
temperature gradient (ΔT) between ceramic coatings and BC is as
high  as  350  °C.  The  differences  in  TECs  (ΔTECs)  result  in
significant  thermal  stress  (σ),  which  is  calculated  using
Eq. (3) [58,66]:

σ =
E

1− ν · ΔT · ΔTECs (3)

where E and ν are  the  Young’s  modulus  and  Poisson’s  ratio  of
tantalate  HEC  coatings,  respectively.  The  thermal  stress  is
proportional  to  the  modulus,  temperature  gradient,  and  ΔTECs.
BC  (TECs  =  (16–18)×10−6 K−1)  usually  has  much  higher  TECs
than  ceramic  coatings  (TECs  =  11×10−6 K−1)  [67,68],  and
enormous thermal stress (0.2–0.32 GPa) is induced.

However,  the  undulation  TGO  and  its  thickening  result  in
thermal  stress  in  ceramic  coatings,  as  shown  in Fig.  13(d).  The
radial stress (σ*) in BC is tensile and related to ΔTECs between BC
and  ceramic  coatings,  which  leads  to  hoop  compressions  in
ceramic coatings. σ* is calculated according to Eq. (4) [61,63]:

σ∗ =
(TECscomp − TECsceramic)ΔT′

1− νceramic

2Eceramic
+

1− 2νcomp

Ecomp

(4)

where  TECscomp and  TECsceramic are  TECs  of  BC+TGO
compounds  and  ceramic  coatings,  respectively;  the  subscript
comp and ceramic  represent  BC+TGO compounds  and ceramic
coatings, respectively, for the modulus E and Poisson’s ratio ν; ΔT'
means  the  temperature  ranges.  The  TECscomp are  determined
according to Eqs. (5)–(7) [61,63]:

TECscomp = TECsTGO +
P3(TECsBC − TECsTGO)

P2
(5)

 

Fig. 12    Mechanical  properties  of  tantalate  HEC  coatings  after  holding  at  1100  °C  for  384  h.  (a)  Nano  Young’s  modulus;  (b)  nanohardness;  (c)  Vickers  hardness;
(d) fracture toughness. Modulus, hardness, and toughness of tantalate HEC coatings are increased due to sintering and densification caused by heat treatments at 1100 °C.
There are obvious differences in mechanical properties among tantalate HEC coatings, TGO, and substrates, which cause thermal stress.
 

Table 3    Mechanical  properties  of  tantalate  HEC coatings,  including hardness
(Hnano (GPa))  and  Young’s  modulus  (Enano (GPa))  measured  via  nano-
indentation  and  hardness  (H (GPa))  and  fracture  toughness  (KIC (MPa·m1/2))
measured via Vickers indenter

Time (h) Hnano (GPa) Enano (GPa) H (GPa) KIC (MPa∙m1/2)

0 12.0±2.4 143.2±16.8 4.4±0.9 0.75±0.11
10 13.1±2.2 167.0±22.5 5.4±0.7 0.63±0.20
24 13.6±2.0 170.7±9.5 4.6±1.0 0.67±0.17
48 15.3±1.4 176.3±4.5 4.9±0.8 0.70±0.13
96 15.1±1.5 182.6±20.3 6.2±0.7 0.68±0.15

150 14.5±2.0 187.1±18.3 7.0±1.5 0.76±0.16
200 15.1±2.7 188.9±19.6 6.0±0.9 0.71±0.09
384 16.1±2.6 193.0±12.5 5.8±1.0 0.76±0.11
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P2 =
R3 (1+ νTGO) + 2(R− h)3(1− 2νTGO)

2R3 − 2(R− h)3
+
ETGO(1− 2νBC)

EBC

(6)

P3 =
3R3 (1− νTGO)
2R3 − 2(R− h)3

(7)

where h and R are  the  thickness  and  radius  of  the  TGO
undulation,  respectively,  as  shown  in Fig.  13(b).  Therefore,  the
ceramic coatings are subjected to two types of thermal stress, and
they  are  cracked when the  stress  intensity  factor  (K*)  around the
cracks  is  higher  than  the  fracture  toughness  of  the  ceramic
coatings. K* is calculated according to Eq. (8) [64,69]:

K∗ = λ·σ∗

√
π · R
2

( c
R − 1

)
·
(
R
c

)2.4

(8)

where λ = 2.5–3.0 is a factor relating to the elastic misfits between
BC and TGO, and c is the crack radius [69]. K* is affected by the
h/R ratio. K* first  increases  with  the c/R ratio  and then decreases
when the h/R ratio is  constant. Figure 14(a)  shows that K* is  less
than the average fracture toughness (Ave.KIC = 0.71 MPa·m1/2)  of
ceramic  coatings  when λ is  set  as  2.5.  The h/R =  0.10–0.71  is
obtained from Fig. 10, while h/R = 1.00 and 2.00 are set to further
estimate  the  evolution  of  the  stress  intensity  factor. Figure  14(b)
shows that K* is higher than Ave.KIC when h/R is higher than 0.32,
i.e., the holding time at 1100 °C reaches 200 h, and λ is set as 3.0.
The  ceramic  coatings  will  not  fracture  when K* is  less  than
Ave.KIC, and two intersections are found between the Ave.KIC line
and  stress  intensity  factor  when h/R is  0.71–2.00.  The  first

intersection  (c0/R)  means  that  the  cracks  are  formed  and
propagated in ceramic coatings, and the second intersection (c*/R)
means  that  the  neighboring  cracks  in  the  adjacent  undulation
peaks  coalesce  to  further  promote  their  enlargements  and
propagations.

Obviously, the h/R ratio during thermal shock at 1500 °C is far
less  than  0.32,  as  shown  in Figs.  5 and 6;  however,  obvious
transverse  cracks  are  found,  which  are  different  from  the  above
discussion. Namely, the cracks and their interlinkages should not
occur  when  only  the  hoop  stress  is  considered.  Additionally,  the
spalling  of  tantalate  HEC  coatings  begins  at  the  center  of  the
sample,  meaning  that  the  effects  of  thermal  stress  caused  by  the
temperature  gradient  are  significant.  Accordingly,  cracks  are
produced in the tantalate HEC coatings under the joint effects of
hoop  stress  and  temperature  gradient  stress,  and  temperature
gradient stress plays a major role during thermal shock at 1500 °C.
The  failure  mechanisms  of  tantalate  HEC  coatings  are  shown  in
Figs.  13(e)  and 13(f),  i.e.,  numerous  tiny  cracks  are  formed  in
ceramic coatings under the effects of hoop stress and temperature
gradient  stress,  and  these  cracks  coalesce  to  form  transverse
cracks,  which  lead  to  spalling  of  coatings.  These  cracks  mainly
propagate  in  ceramic  coatings,  as  a  stiff  TGO  layer  is  not  yet
formed, and the toughness of the TGO layer is usually higher than
that  of  porous  ceramic  coatings.  The  strain  energy  release  rate
during  crack  deflection  along  the  TGO/TC  interface  is
approximately  twice  that  during  crack  propagation  toward  the
TGO/BC  interface  [2,69].  Thus,  most  cracks  exist  in  tantalate
HEC coatings, and they do not propagate into the TGO, which is
consistent with the microstructures shown in Fig. 5(b).

The  ceramic  coating  spalling  and  failure  mechanisms  of

 

Fig. 13    Microstructural  evolution  and  failure  mechanisms  of  tantalate  HEC  coatings  subjected  to  differential  thermal  measurements.  (a–c)  Traditional  failure
mechanisms of TBCs reported in other works [2,10]; (d) sketch map of estimations for internal thermal stress of ceramic coatings; (e, f) failure mechanisms of tantalate
HEC coatings subjected to thermal shock at 1500 °C; (g–i) failure mechanisms of tantalate HEC coatings subjected to thermal fatigue at 1150 °C.
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thermal fatigue are different from those of thermal shock, and the
TGO/BC  interface  is  cracked  when  the  inner  thermal  stress  is
higher than the critical values. The criterion for interfacial fracture
is given by Eq. (9) [10]:

π·R2 · ETGO · Γ
2B·h3 · σ2

TGO
≤

[(
1− e− c

h
)
cos cR + e−c/h R

2h sin
c
R

]
(9)

where σTGO and ETGO are the inner thermal stress and modulus of
TGO  undulation,  respectively; Γ is  the  fracture  energy  of  the
TGO/BC interface; B is a constant on the order of unity. The left
side of Eq. (9) represents the fracture resistance, and the other side
represents  the  driving  force. ETGO, R, h,  and σTGO have  essential
effects  on  the  fracture  resistance  of  the  TGO/BC  interface.  The
thermal  stress  (σN)  acting  on  the  BC/TGO  interface  is  estimated
under  the  assumptions  that  the  ceramic  coatings  have  no
influence and that there is no layering in the TGO. It is calculated
according to Eq. (10) [2,10]:

σN =
2σTGO · h

R (10)

where σTGO is  approximately  1–2  GPa  [10],  and σN is
approximately  0.20–2.84  GPa  based  on  the  changes  in  TGO
thickness.

Figure 14(c) shows that the TGO/BC interface is cracked when
the h/R ratio  is  higher  than  0.32,  and  the  TGO  thickness  is
approximately  8.1  μm  after  holding  at  1100  °C  for  200  h.  In

Fig.  14(c),  the  gray  dashed  lines  are  fracture  resistance,  and  it
decreases  dramatically  with  increasing h/R ratio.  The  left
intersection  point  between  fracture  resistance  and  driving  force
means  that  the  TGO/BC  interface  is  cracked,  while  the  right
intersection point means that different cracks are interconnected,
as shown in Fig. 13(d). Crack interlinking and coarsening lead to
interfacial spalling of tantalate HEC coatings, and recrystallization
and enhanced coating stiffness  result  in  surficial  coating spalling.
Figure  14(d)  shows  that  the  fracture  resistance  decreases  sharply
with  increasing h/R ratio,  meaning that  the  desired  driving  force
for  coating  spalling  is  reduced  with  increasing  TGO  thickness.
Accordingly,  two-type  modes  of  coating  spalling  are  found  in
Fig. 7 during thermal fatigue at 1150 °C. The TGO/BC interface is
cracked  due  to  the  cumulative  driving  force  caused  by  the
increasing  TGO  thickness,  while  surficial  coating  spalling  is
caused by recrystallization and enhanced coating stiffness.

5    Conclusions
The designed and synthesized tantalate HEC coatings can work at
temperatures up to 1500 °C, and they withstand thermal fatigue at
1150  °C  for  12,830  cycles  and  thermal  shock  at  1500  °C  for  614
cycles.  Annealing  at  1100  °C  for  384  h  is  used  to  uncover  the
failure  mechanisms  of  tantalate  HEC  coatings  during  different
thermal  measurements  based  on  the  evolution  of  the
microstructure  and  TGO.  During  thermal  shock  at  1500  °C,  the
significant  thermal  gradient  and  the  differences  in  TECs  and

 

Fig. 14    Estimation of fracture criterion for tantalate HEC coatings; (a, b) stress intensity as a function of c/R ratio; (c) fracture resistance and driving force as a function of
c/R ratio; (d) fracture resistance as a function of h/R. Stress intensity factor is proportional to h/R ratio, and increasing TGO thickness will increase stress intensity factor to
cause  failure  of  tantalate  HEC  coatings.  Furthermore,  driving  force  is  higher  than  fracture  resistance  when h/R is  higher  than  0.32,  proving  that  formation  and
propagation of TGO are dominant factors for coating failure.
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mechanical properties between BC and ceramic coatings produce
enormous  thermal  stress,  which  leads  to  the  failure  of  tantalate
HEC  coatings.  Additionally,  sintering  recrystallization  and
increasing  stiffness  result  in  surficial  layered  peeling  of  ceramic
coatings.  The  oxidation  rate  of  BC  and  thickness  of  TGO
dominate  the  failure  mechanisms  of  tantalate  HEC  coatings
during thermal fatigue at 1150 °C, and the driving force of cracks
is  higher  than  the  fracture  resistance  when h/R is  beyond  0.32,
which  responds  to  the  final  failure  of  ceramic  coatings.
Accordingly,  the  TGO  thickness h and  thermal  stress  caused  by
the thermal gradient and the differences in TECs and mechanical
properties  between  BC  and  ceramic  coatings  are  the  dominators
for the failure of tantalate HEC coatings in this work. The current
coatings  have  a  thickness  of  approximately  150  μm,  which  is
thinner than the typical  TBCs (250–400 μm) used in gas turbine
applications.  Considering  that  tantalate  HECs  possess  a  low
thermal  conductivity,  which  is  lower  than  that  of  conventional
YSZ, the thermal insulation performance can be further enhanced
by  increasing  the  coating  thickness.  For  moderate-temperature
applications  (1100–1300  °C)  such  as  stationary  gas  turbines,  the
current  150  μm  coatings  may  provide  sufficient  thermal
protection,  while  for  ultrahigh-temperature  applications
(1400–1500 °C) such as aero-engine turbine blades, increasing the
thickness to 300–400 μm would provide a larger temperature drop
and better protect the substrates. Future research should focus on
optimizing  APS  parameters  to  achieve  thicker  coatings  and
establishing  quantitative  relationships  between  coating  thickness,
thermal gradient,  and service life,  which will  further promote the
applications  of  tantalate  HECs  as  next-generation  high-
performance TBCs.
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